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ADVANCED PROCESSING AND PROPERTIES OF HIGH PERFORMANCE ALLOYS

INTRODUCTION

Advanced structural systems require a new generation of high performance materials which
exhibit dramatic improvements in both strength and fracture resistance over a wide range of
temperatures and environments. With such materials becoming increasingly dependent on
advanced processing techniques, a fundamental problem has developed: the rate of application of
new processing methods exceeds the basic knowledge base necessary 1o anticipate fully the
resulting behavior of the component in service. Thus, while novel alloy microstructures are
created through advanced processing techniques, the promise of improved properties is usually
accompanied by the potential for a new set of problems. For instance, rapidly solidified
dispersion- hardened alloys may exhibit superior short time tensile strengths but inadequate high
temperature creep strength due to the stabilization of fine grain sizes and the resulting enhanced
grain boundary sliding. As a result, despite notable improvements in some aspects of 2 material's
properties, in-service reliability may be impaired, especiaily if computational methods to make
accurate life prediction are lacking,

The primary purpose of this research was to provide a broad-bas?d understanding of the
applications and consequences of certain advanced processing techniques used to create new high
performance alloys. The research was wide ranging in scope and included fundamental studies of
the mechanisms of void or pore linking during duciile fraciure, the influence of porosity on low
cycle fatigue, as well as processing-property relationships in Cu-Nb alloys. The present report

summarizes progress in the areas of research for the period 5/1/86 to 11/30/90 performed under the

auspices of Contract No. N()OOI4-86-D-0381. The research areas are as follows:

(1) the mechanism of strain-induced void/pore linking during ductile fracture, :*

(2) the influence of porosity of low cycle fatigue,

e

(3) processing and properties of Cu-Nb alloys, B

(4) the deformation of rapidly solidified Ti alloys at elevated temperatures, ST

L.‘-.’.:"“'. .
Avalic 1,

——— e

(5} strain-path etfects on fracture, and




(6) anew age-hardenable beta titanium alloy.

A significant impact of the above research is the educadonal experience derived by the graduate
students involved, The following students have been a part of the ONR program during the period
cited: Stephen Kampe, Ph.D., January 1987; Paul Magnusen, Ph.D. July, 1987; Susan Kestner,
M.S., May, 1986, Dale Gerard, Ph.D., November, 1988; Kevin Zeik, Ph.D. candidaic; Andrew
Geltmacher, M.S., December, 1990, currently Ph.D. candidate, and Louis Quattrocchi, ML.S.

candidate.

SUMMARY OF RESEARCH
1.  The Mechanism of Strained-Induced Void/Pore Linking During Ductile Fracture

[with Paul Magnusen, Ph.D., and Andrew Geltmacher, M.S., currently Ph.D.

candidate]

The presence of pre-existing porosity and the subsequent processes of pore linking during
deformation is known to have a strong cifeci on the ducdle fraciure of porous materials (sec for
example, ref. 1). Similarly, strain-induced void linking is a integral part of the ductile fracture
process. Although differing in their origin, pores and voids link is a similar manner during low
temperature deformation, and thus failure of a porous or "voided" material may be examined
together in a single analysis. Although void/pore linking is a very important step in the process of
ductile fracture, its physical basis has not been properly understood until our recent studies?4 The
reason for ihis sitnation is that nearly all of the previous work on void/pore growth and linking
assumed regular arrays of holes or cavities’-!1 and arbitrary, geometrically based void linking
criteria.12-14, The present study is based on modeling three-dimensional arrays of pores or voids
by a two-dimensional random distribution of circular, through-tnickness holes. The distribution of
holes or "hole microstructure” may be characterized by three parameters: (a) the area fraction, (b)

the hole size, and (c) the minimum interhole spacing, which controls the spatial distribution of

holes and hole clustering. A focus of the study is 7 examine the void/pore linking process by

determining the failure sequence of tensile specimens containing arrays of holes. An important




teature of this program is the strong interaction between experimental studies and computer
simulation.

The experimental studies indicated a strong correlation between minimum interhole spacing
and the mechanical properties of tensile specimens containing hole microstructures., Both the
strength and ductlity of the specimens were found to increase as the minimum interhole spacing
increased or the degree of clustering decreased.? These studies also indicate that the specimens
exhibit a dramatic decrease in ductility on changing from regular to random arrays of holes; this is
indicated in Figure 1, which also illustrates the strong effects of the minimum interhole spacing.
Experimental studies also indicate that the strain hardening of a material is very important in the
void/pore linking process. This makes any prediction of void linking based on an arbitrary,
geometric linking criterial?-14 quite inadequate. For example, a void/pore looking criterion which
provides a reasonable fracture strain for one material with a given void/pore distnbution will very
likely b incorreci for another materiai with dittering strain hardening behavior or void/pore
distribution.

The observed effects of the experimental studies can be readily understood through the use of

a proposed physical model.23 In the model, the fracture mechanism is a consequence of a four-

step process:

First, local strain gradients develop near individual pores at small microscopic surans;

Second, upon further straining, failure of the ligament between closely spaced pores occurs
due o flow localization. An elongated cavity is created by the ligament failuce. Due toits
eccentric shape, this cavity further localizes flow along its major axis;

Third, successive linking of adjacent pores occurs in a manner which is controlled by the
spatial distribution of pores adjacent to these which have linked. Pore clustering is especially
important in this stage as repeated linking results in increased strain concentration,

Fourth, the final stage of pore linking is triggered when a sufficient number of pores have
linked to create an imperfection initiated macroscopic flow instability or crack-like defect.
Again pore clustering is important as the generation of large local strains occur and
percolation of the linking by a "void sheet” mechanism can occur.

This step-wise process of void linking lends itself to simulation by a computer modei. As in

three-dimensional void/pore linking, the computer model also relies on two input parameters: a
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description of strain localization near holes and a hole-linking criterion. In order to describe local
strains near holes, experimental measurements of strain distributions near isolated holes, pairs of
unlinked holes and linked holes were periormed on 1100 aluminum and 70-30 brass sheet. These
data were fit to equations which were then used to describe the strain localization of the above
conditions in terms of hole parameters, material properties, and the applied strain. The computer
model also relies on a critical thickness strain criterion for the failure of the liga'nent between
adjacent holes.!5 It is important to note that the simulation uses no adjustable parameters other
than those which experimentally describe the plasticity near the holes and the failure criterion for
hole linking.

Figure 2 is an example of the agreement between the computer simulation and the
experimental results for 1100 aluminum. For each point in the simulation, a minimum of ten
computer runs were averaged in order to obtain statistically reliable predictions. In view of the
absence of adjustable parameters in the compuier siinulaiion, the agreement between the predictions
of the simulation and the experimental data is reasonable. Similar agreement is obtained for the
higher strain-hardening, 70-30 brass.

In light of the reasonable agreement between prediction and cxpe{imcmal results, the
computer simulation has recently been used to investigate (a) the effects of the specimen shape on
ductile fracturel6 and (b) the effect of hole shape on ductility.1? The specimen-shape study
exammined three specimen shapes all having identical gauge section areas but with length-to-width
ratios which varied from 1:1 te 20:1. The simulation results indicated that specimen shape has
several effects un the fracture of metals with large-scale porosity. First, ductility depends on
specimen shape but only at small area fractures of porosity. In general, ductility decreases as the
specimen's length-to-width ratio is increased; thus, short, wide specimens are expected to have
greater ductility than their long, narrow counterparts at the same conditions of porosity.
Furthermore, the effect is likely to be significant only at (1) sma"" volume fractions of porosity, (2)

when pores are clustered, and (3) when pores are large enough so that even a small cluster will

create a significant reduction (~10-3) in lead-bearing area. Under these conditions, there will also
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be a comparatively large scatter in ductility values from specimen to specimen. The analysis also
predicts that the specimen shape effects will be most severe in materials with low strain hardening
and minimal strain-rate hardening. Thesc effects can be readily understood in terms of
imperfection theory, which also provides a basis for understanding the fact that porosity usually
influences tensile ductility much more than fracture toughness, 16

The computer model was also extended in an initial attempt to examine the effect of void/pore
shape on ductile fracture.!7 Two hole geometries were used in the simulations: an elongated hole
which has 4 length to width ratio of 4/1 and a ciicular hole. The major axes of the elongated holes
were maintained perpendicular to the tensile direction, since the strain localization effect of the
elongated holes is maximized under this condition. The dimensions of the circular and clongated
holes were selected such that the areas ¢. ..ie holes were the same. In the computer simulation, the
strain fields of the elongated holes were obtained from empirical relations based on experiments
utiliziig pairs of circular holes in either 1100 Al or alpha brass which have been linked by 4 free
surface prior to deformation. The specimens containing arrays of holes were simulated to deform
under nlane-stress conditions and to contain inhibited random arrays of through-thickness holes
with area fractions which range from 0.01 10 0.10. Both specimen size and shape were kept
constant since these can have significant effects on the ductility behavior of the specimens.'6

The effect of hole shape on the ductility indicates the following trends:

1) The duclity of the specimens decreases as the area fraction of hole increases for both
circular and elongated holes. This result is in accordance to previous work on the ductile fracture
of porous materials, see ref. 1, for example.

2) The predicted ductility of the 'brass' specimens is greater than that of the '1100 AL" This
is consistent with increased ductility being associated with metais of high strain-hardening
capacity.

' 3) As expected, the ductility of the specimens depends on hole shape in that the ductility of
specimens with elongated holes is less than the ductility of specimens with circular holes. This is

consistent with the ductility behavior of PM iron contining rounded vs. angular porosity. 18




However, the present study indicates that the hole-shape etfect depends on the area fraction of
holes. Specifically, at low area fractions of holes such as 0.01 t0 0.02, the hole-shz = ooy iy
small, while at high area fractions of holes (~0.01) the decrease in ductility due to tre elong.ied
hole shape is large. This effect occurs in both the 'Al' and the 'brass' specimens.

In summary, the computer simulation predicts a decrease in ductility due to presence of
elongated holes or angular pores. However, the loss of ductility effect depends on the area fraction
of holes and is most pronounced at large area fractions. These results can be understood in terms
of a strain-induced hole/pore linking process. Under plane-stress conditions, the ligaments
betwee 1 neighboring holes fail at a critical thickness strain, !5 The effect of the hole (or pore)
shape is to shange the concentration of strain in the vicinity of the hole at a given macroscopic,
applied strain. The magnitude of the strain-concentration depends on (1) the distance from the
hole, (2) the shape of the hole, (3) the applied macroscopic strain level, (4) the strain hardening of
the matrix, and (5) the location of neighboring hole. In particular, the elongated holes act to
increase dramatcally the level of local strain near a hole. Thus, the critical strain (or strain energy
density) to initiate a crack or cause ligament failure is achieved at a smaller macroscopic strain if the
holes are clongated. This results in accelerated hole linking and decreased ductility.

The prediction that the hole-shape effect depends on the area fraction of holes, being largest
at high area fractions of holes, is quite reasonable in view jf pore linking occurs by a localized flow
instability process and not pore-induced crack initiation. The analysis of strains near holes
indicates that distances greater than ~1 hole radius, the local strains are nearly equal for both
circular and elongated holes. Thus, for large inierhole spacings, the element of ligament material
midway between holes cannot recognize whether the holes are elongated or circular. If hole
linking occurs by a shear instability of the ligament when the "midway" element achieves a critical
strain, then there wiil be very little accelerated hole linking due to elongated holes at large interhole
spacings. This is the case at small area fractions of holes. Thus overlap of the intense parts of the

locr strain fields is much more likely to occur at large area fractions of holes or pores. As aresult,




pore-shape eftects are expected to be more pronounced at large area fractions of pores, provided
that pore linking occurs by a flow localization process.

In summary, the present study has utilized a computer model which simulated three-
dimensional pore distributions by two-dimensional arrays of through-thickness equalized holes in
sheet specimens wherein deformation occurs primarily under plane-stress conditions. A principal
advantage of the modeling approach is the ability to simulate the random nature of the spatial
distributions(s) of pores or voids. The simulation is clearly a very simplified version of the
realistic case in which pores of various shapes and sizes exist in three-dimensional space.
However, difficulties in detzmmining three-dimensional strain distributions and void/pore-linking
criteria among random distributions of pores preclude a rigorous three-dimensional simulation at
this time. Nevertheless, the methodology and the significant trends predicted by the present two-
dimensional analysis establish the basis for understanding the strain-induced void/pore linking
process in three dimensions and should serve as a basis for computational modeling of microvoid

ductle fracture of structural alloys.

2. i
(with Dale Gerard, Ph.D., November, 1988)

The in-service performance of powder-processed as well as cast materials is frequently
limited by the presence of processing defecis, notably porosity. Numerous investigations have
examined the deleterious effects of porosity on high cycle fatigue and uniaxial tension behavior; see
for example refs. 1, 19-22. The reductions in high cycle fatigue life or porous specimens have
been attributed to local stress concentrations near pores which result in localized slip even though
the nominal stress remains elastic. Although there have been many studies investigating the effects
of porosity on high cycle fatigue behavior of metals, there have been no mn_d,mmmal studies
examining the effects of porosity on Jow cycle fatigue behavior. This is significant since the
resistance of metals to low cycle fatigue failure, wherein the materials is fully plastic, is often quite

different than the response to high cycle fatigue when the nominal applied stress is elastic.




The purpose of this investigation was to examine in a detailed manner the influence of
rounded porosity on low cycle fatigue behavior. Powder-processed titanium containing up to 6%
rounded porosity (both isolated and continuous pores) has been used as a model system Although
this study is based on powder-processed materials, the results should also apply to cast materials
which frequenty contain residual porosity, cr to those alloy/composite systems which readily torm
voids at small strains due to poor interfacial bonding or fiber fracture.

The intluence of porosity on low cycle fatigue LCF has beern: studies using powder-processed
ttanium specimens tested at total strain amplitudes of 0.75 and 15% at 25°C. From a macroscopic
standpoint, the following trends are most significant:

a. Porosity significantly influences the cyclic stress-strain behavior. For example, when
compared to the cyclic flow response of fully dense titanium, even low levels of
porosity (0.4%) cause the materials to behave cyclically as if it were being subjected to
significantly higher strain amplitudes. This is interpreted to result from an enhanced
level of localized plasticity which develops near the pores.

b.  The low cycle fatigue life deteriorated rapidly with increasing volume fraction of
porosirty, strain amplitude, and especially when the porosity becomes interconnected.
Even small amounts of porosity have a significant effect on LCF. For example, the
presence of just 0.4% porosity decrease the LCF life by more than a factor of three at
1.5% 1otal strain amplitude.

In order to evaluate mechanism of low cycle fatigue in the presence of pores, the influence of
porosity on the individual stages of the fatigue failure process were thoroughly examined. In the
investigation, fatigue failure was described by a four stage process consisting of the number of
cycles for (1) a 15 um microcrack to initiate, (2) microcrack(s) (i.e. short cracks) 1@ grow and (3)
link into a macrocrack, and (4) the macrocrack to propagate to failure. If any of the failure stages
are accelerated by the presence of pores, a reduction in the low cycle fatigue life is eminent.

Pore-induced acceleration is especially large for microcrack initiation.23 The acceleration of

microcrack initiation appears to be essentially independent of the porosity levels and strain
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amplitudes examined, but it is sensitive to the intcrconnectivity of the porosity. Specifically, 6%
interconnected porosity accelerates crack initiation by a factor of about 100, compared to a factor of
10 for 1solated porosity. Thus, while microcracks initiate in 800 cycles in the fully dense titanium
at 1.5% total strain amplitude, only 9 cycles are required to initiate a similar crack at 6%
interconnected porosity! Both the microcrack growth/linking and the macrocrack growth stages,
also accelerate with increasing porosity level, strain amplitude and degree of interconnectivity of
the porosity. In the case of microcrack growth and linking, the acceleration is more pronounced at
large porosity levels, and especially for the case of interconnected porosity.

With regard to microcrack initiation, the following experimentai observations/conclusions are

pertinent:
(a) the enhancement of microcrack initiation due to porosity results in significant reductions
in low cycle fatigue life,
(b) microcracks always initiate at pores,
(c) for the isolated-porous materials, the enhancement of microcrack initiation is essentially
independent of the poresity levels at the strain amplitude examined, and
(d) when the porosity is interconnected, the microcrack initiation process is further

enhanced as a result of the pores having a higher aspect ratio than the isolated porous
materials.

An analysis of pore-induced microcrack initiation was successfully performed on the

following basis?3:

(a) The formation of the plastic zones near pores on the free surface of a plastically
deforming matrix have been experimentally and theoretically modeled utilizing a through-thickness
hole is metals deforming under plan stress conditions. A significant observation is that the strain
profiles obiained adjacent to a hoie indicate that no local strain accumulation occurs during LCF
until approximately 80% of the fatigue life local to the hole.

(b) Using a Mason-Coffin relationship?4:25 as a Jocal failure criterion in conjunction with a

cumulative damage law, the number of cycles to initiate; a 15 um crack was predicted from
estimates of the maxirnum strain amplitudes near pores, as determined by the modified Neuber
analysis.26 The predictions of this analysis were in excellent agreement with the experimental data
over a range ot pore contents and at both strain amplitudes. It should be noted that this is a general
analysis and applies o LCF crack initiation in any metal containing porosity of arbitrary shapes

which can be described by stress <oncentration factors; only the cyclic stress-strain response of the
matrix needs to be known.

With regard to the growth of short ¢racks, in the presence of porosity, the following

characteristics are most significant:27

(a) Isolated rounded porosity temporarily accelerates short fatigue crack growth rates as a
result of large plastic sirains within the plastic zones of the pores. Outside of the plastic zones,




which scale with the pore size, short cracks propagate at rates which are similar to those which are
expected in a fully dense materials.

(b)  Crack closure of short cracks has been observed to occur at the crack-tip only at highly
compressive loads. Portions of the crack behind the tip appeared to remain open during the entire
cycle. The short crack-tips open early in the tensile loading portion of the cycle, "peeling” open
trom the center toward the tip of the ciack. It appears that porosity does not influence short crack
closure during high-strain fatigue testing.

The role of porosity in microcrack linking during the LCF of porous matenals may be

understood as follows:

(a) 'The microcrack linking process is accelerated by porosity as a result of a higher density
of microcracks.

(b) When comparing the acceieraticn of the microcrack linking process directly among the
different porosity levels, only minimal increases in the linking rate which observed when the
isolated-porosity level is increased from 0.4% to 6%. This is attributed to a saturation density of
microcracks which is very similar over this porosity range.

(¢) The influence of porosity on microcrack linking is significantly less at the 0.75% total
strain amplitude. This appears to be a result of a much lower density of microcracks being initiated
throughout the fatigue life for all the conditons which have been examined.

(d) Because of the interaction between short crack growth and microcrack linking, a
rigorous theoretical analysis of the number of cycles to grow and link microcracks into a
macrocrack could not be performed. However, a semi-qualitative analysic based on crack length
distribution at thc onset on loiie crack growin could be used to estimate the number of cycles from
crack unification to the onset of long crack growth.

Macrocrack propagation is affected by porosity in the following manner:

(a) Porosity accelerates the overall macrocrack growth rates, as app-oximated by the
number of cycles for a macrocrack to propagate through the specimen, by factors of roughly tow to
four.

(b) The closure stress for macrocracks is not significantly influenced by the presence
porosity during high-strain fatigue.

(c) By incorporating a lineal roughness parameter, porosity-induced increases in the
macrocrack growth rates are quite large for the 6% porous materials when the actual distances over
which the crack propagates are considered. At the lower porosity levels the macrocrack growth
rates are only nominally larger when the lineal roughness parameter is taken into consideration.

(d) A qualitative model was deveioped which physically accounts for the accelerated
growth rates of macrocracks in the porous materials. The model assumes minimal differences in
crack closure behavior between the porous materials. The model assumes minimal differences in
crack closure behavior between the porous and fully dense materials, as is observed
experimentally, The model is based on the concept that the acceleration of macrocrack growth in
the presence of porosity at large strain amplitudes is a result of the interaction of the crack-tip
plastic zone with the pore-induced rlastic zones resulting in shear instabilities. These shear
instabilities contribute to an additional crack growth component.

In surnmary, the present study has provided a detailed, systematic insight into the
mechanisms by which porosity atfects low cycle fatigue. Both experiment and modeling
approaches were used with modeling being especially effective in predicting the influ= ce of

porosity on fatigue crack inittition.
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3.
Stephen L. Kampe, Ph.D.)

OXIDE DISPERSING STRENGTHENING (ODS) of titanium-based alloys creates the
potential of a new generation of lightweight, high-performance alloys with improved strengths and
creep properties at elevated temperatures. The improvements in mechanical performance have been
attributed to the presence of insoluble oxide particles which act as barriers to dislocation motion
and remain microstructurally stable even to high temperatures. A principal difficulty encountered
in the development of ODS alloys is the need for a processing technique capable of creating a
uniform distribution of finally spaced, insoluble particles. However, the recent application of rapid
solidification (RS) techniques to titanium -based alloys have indicated the potential to obtain oxide
particle dispersoids distribution homogeneously within the matix. These alloys utilize rare earth
elemental additions to titanium because of their ability to scavenge interstitial oxygen from titanium
solid solution and form a dispersion of thermally stable rare earth oxide precipitates.

Previous rescarch established the potential of RS in oxide dispersion-strengthened titanium
alloy development through extensive evaluation of the thermal stability of candidate microstructures
in the unconsolidated form of ribbon, flake, or splats (see, for example REF 28-38). However,
none of these studies were aimed at establishing the controlling deformation mechanisms in fully
processed bulk material. This research program examined the strength and high temperature flow
behavior over a much wider range of temperatures, strain-rates, and stresses than previously
examined3940, It focused on a range of alloy compositions based on the technologically important
Ti-Al system alloyed with elemental erbium. Particular attention was given to analyses of
mechanisms of plastic flow at elevated temperatures, as well as the influence of microstructure,
especially matrix grain size, dispersoid size and distiibution, on the observed behavior. A
summary of the principal results follows below.

When consolidated into bulk form, Ti-Er and Ti-Al-Er alloys produced by rapid solidification
techniques retain a fine and homogeneous dispersion of oxide particles with fine-grain (3-5 pm)

matrices. In the as-consolidated form, the majority of the dispersoids are very fine (average
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diameter ~40-80 nm) and genervlly reside within the interiors of the matrix grains. A few large
dispersoids (diameter >200 nm) are also present; most of these are located on grain boundaries.
Both the dispersoids and fine grains microstructure present in the as-processed alloys are extremely
resistant to coarsening during high temperature anneals at temperatures near the beta-phase transus
temperatures. An order-of-magnitude increase in grain size is achieved only by heat treatments at
temperatures within the beta-phase field; however, this is accompanied by significant dispersoid
coarsening and in some cases additional dispersoid formation.

Results from compression testing of the Ti, Ti-Er and Ti-Al-Er alloys over a range of
temperatures (20° to 755°C) and strain rates (5x10°5 to 6 x 10°3 s-1}indicate that the yield and flow
strength of these alloys are sensitive to temperature, strain rate, grain size and alloy composition.
For example, at room temperature the addition of erbium results in lower yield strengths; this is
believed to be caused by a reduced solid solution strengthening component due to oxygen depletion
as a result of the internal oxidation of the erbium to erbia. As the temperature is increased, oxygen
loses its effectiveness at a strengthener; strength of these alioys at higher temperatures rely on
contributions from aluminum in solid solution and particle strengthening from the stable oxide
dispersoids.

Based on the conditions imposed in the present study, the high temperature deformation of
these dispersion-strengthened titanium alloys is characterized by a "two stage” deformation
behavior, which strengly suggests that twe distinct deformation mechanisius are operatve over the
specific ranges of temperature, strain rates, and stresses. In the range of high temperatures and
low stress/strain rates (@ /D <1 x 1012 m-2), the mechanical test data and post-deformation
microscopy indicate that grain boundary sliding is the rate-coniroiling deformation mechanism in
the fine grain alloys. Increasing the grain size from 3-4 pm to 25-40 pm enhances the high
temperature strength and creep resistance of the strengthened titanium alloys. This occurs as a
result of (a) a minimization or elimination of grain boundary sliding as the dominant deformation
mechanism due tot the reduction of grain boundary area, (b) an increased density and size of

dispersoids residing on grain boundaries, also acting to minimize grain boundary sliding by
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mechanically "pinning" the boundaries, and (¢) additional precipitation of oxide particles which
occur during the high temperature grain growth anneals, thus providing additional particle
swengthening. The experimental behavior are in good agreement with constitutive equations which
model deformation via grain boundary siiding mechanisms.

For low temperatures/high strain rates conditions the mechanical test date are consistent with
a deformation mechanisms of dislocation creep past obstacles. Post-deformation microscopy
reveals evidence of significant dislocation-dispersoid interaction in alloys tested under these
conditions of temperature and strain rate (€ /D > 1012 m-2). The apparent grain size effect in the
dispersoid-containing alloys under these conditions is interpreted to be a result of an increased

population of dispersoids which evolve during the high temperature grain-growth anneals.

4. Onthe Influence of Strain-Path Changes on Fractyre (with Susan Kestmer, M.S.)

The effect of strain-path changes on microvoid ductile fracture has not been examined in
detail. Studies based on proportional loading clearly show that the fracture strain for a ductile,
miicrovoid fracture process is a function of both swess state and strain-path (for exaniple, see ref's.
41-43). Thus, it would be reasonable to expect that duciile fracture shr?uld be a function of strain-
path history. The purpose of this study was to present unique data which indicate that ductile
fracture, at least in certain cases, is strongly dependent on changes in strain-paths imposed prior to
failure.44

As show in Fig.3, data indicate that ductile, microveid fracture does indeed depend on
nonproportional strain-path history. In particular, a combination of uniaxial and equibiaxial
tension can result in a significant ductlity enhancement at a final strain state of plane-strain tension.
The ductility enhancerent occurs for Ti either with or without void-nucleating hydrides. The
e"fect is most pronounced for material without hydrides when subjected to a sequence of

equibiaxial prestrain followed by uniaxial strain path to failure. Although we expect the total

fracture strain to depend to strain path. we do not have complete explanation for the above effects.
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One contributing factor may be a delay of void nucleation during multi-stage straining by using
strain paths characterized by small maximum principal stresses.

5. Migr re an ies of a Powder-Proc Rapid] lidifi 1-Nb)-Mo alloy.
(with Kevin Zeik, Ph.D. candidate)

The presence of sharp, cyclic thermal transients in structural components Gperating at high
temnperatures, sometimes in the presence of hydrogen, require not only high temperature strength,
thermal stability and resistance to environment embrittlement but also a high degree of thermal
conductivity. Existing alloys for such applications, typically copper-and alurninum-based alloys,
suffer from various problems, from poor ductility to a lack of high temperatu-e (>600°C) thermal
stability. Thus, in order to meet the desired design criteria, new alloys must be developed.

Recently, extensive wire drawing of Cu-based alioys containing insoluble, ductile second-

phases has let to significant advances in the strength of high conductivity materials. The

when exposed to temperatures exceeding 350°C [45]. Previous research has shown that the high
strengths achieved be deforming the niobium secend-phase into ultra-thin (50 A) ribbons is lost
when the alloy is exposed to 350°C for 24 hours; the ribbons coarsen to twice their original
thickness [45]. The high surface energy associated with the ribbon morphology, in addition to
rapid diffusion along the interfaces, was determined to be responsible for the thermal degradation
of ribbon morphologies [46]. Theretore, these composites have limited high temperature service
capabilities.

The purpose of this research is to examine the strength and thermal stability behavior of a Cu-
Nb base alloy processed by non-conventional solidification processing, specifically high pressure
gas atomization (HPGA). The result is a material characterized by unique equiaxed microstructures
consisting of a high volume fraction of thermaliy stable multiphase spheroids and No-rich
dendrites distributed within a continuous copper matrix.

High pressure gas atomization (HPGA) has been used to produce rapidly solidified Cu-21

Nb-1.8Mo (wi%) alloy powders with 2 range of microstructures found to bz dependent on powder
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size. Specifically as shown in Fig.4, the microstructures of fine-scale powders (<15um dia,) were
characterized by a predominance of multiphase spheroids and a small population of Nb-based
dendrites distributed within an almost pure copper matrix. In contrast, the larger particles (>45um
dia.) were found to contain only Nb-based dendrites distributed within a copper matrix. Due to the
multiphase spheroids, the volume fraction of "second-phase" is much higher in the former
instance, 35%, than in the latter, 22%.

The change in microstrycture as a function of powder particles size has been analyzed in term
of both the amount of undercoolir g and the cooling rate of the liquid droplets prior to and during
initial solidification.4” In particular, the large amouv-ts of undercooling attained by the fine droplets
are believed to induce a non-equilibmivm liquid-phase separation which results in the formation of
spheroidal, multiphase Nb-Cu-Mo particles within a copper rich matrix. As expected, the
secondary dendrite arm spacing as well as the size of the spheroids decreased with increasing
cooling rate {decreasing particle sicc).

The yield behavior of material produced from the HPGA powders was found to be conwrolled
by a combination of grain-size (Hall-Petch), particle-hardening (Orowan) and dislocation-
substructure strengthening. The dif’erence in room temperature yield s;rength between material
produced from fine (<10pum dia.) powders, 460 MPa, and coarse (45-63 pm dia.) powders, 300
MPa, was interpreted to result primarily from a significant difference in the interparticle spacings,
which affects the Orowan strengthening contribution. At 600°C, the effects of recovery processes,
presumable due to cross-slip and thermally activated dislocation climb, render short-range
obstacles relatively ineffective. This causes a decrease in the yield strengths of the HPGA
maternials as well as pure copper.

The flow behavior of the Cu-21.2Nb-1.8Mo (wt%) HPGA alloys was characterized by
parabolic-type hardening at small strains (<0.20) followed either by linear hardening (Stage V) or
zero- hardening (flow stress saturation), depending on test temperature. A typical example is
shown in Fig.5, in which the regime of parabolic strain-hardening at small strains was analyzed in

terms of the geometrically necessary dislocations and associated interactions which occurred as a
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Figure 4 Scanning eleciron micrograph of a) the microstructure of a single,
small (10um dia.) powder pariicle and b) a cross-section view of
one single composits spheroid contained within this microstructure.
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result of the strain-incompatibility between the matrix and the Nb-rich second-phase dispersicns.
As deformation continues, recovery processes increasingly influence the flow behavior. At large
strains and at T<600°C, a ransition to linear-hardening (Stage I'V) occurs; this may be due to
incomplete annihilation of screw dislocation segments during cross-slip (i.e. incomplete recovery).
At 600°C the increased rate of recovery processes result in balance between strain-hardening and
recovery events, cavsing the flow stress to saturate with further deformaton (zero-hardening). At
large strains, Stage IV hardening was found to be only a function of strain and temperature and not
a function of microstiucture.

Finally, the thermal stability of these materials was analyzed in terms of the resistance of the
second-phase dispersions to coarsening during high-temperature (900°C, 0.83Tp) anneals. The
greatly improved thermal stability of the HPGA microstructures as compared to that of the in-situ,
deformation processed Cu-Nb alloys of similar composition is related 10 the morphology of the
dispersed phase. Furthermore, due to the limited solubility and diffusively of copper in niobium,
the composite nature of the multiphase spheroids is retrained after 100 hours at 0.83Typ; thus the
enhanced volume fraction of "second-phase" is maintained within materials produced from fine
(<10um dia.) HPGA powders. This microsiructural stability was demonstrated by both
microhardness and stress/strain results. The hardness of materials exposed to 900°C for 1000
hours decreased by only 16-22% while the yield stress decreased by 20-29%. The larger
decreases observed for material produced from the fine (<10um dia.) powders is attributed to some
Ostwald ripening of very fine (<50mn) multiphase spheroids. In all instances, the second-phase

dispersion was quite effective at preventing grain growth during high temperature exposures.

6. ANew Age-Hardenable Beta Titanium Alloy (with Lou Quattrocchi, M.S. Candidate).

The use of titanium alloys in acrospace and other industrial applications has steadily increased
over the last 40 years. Most of these applications use alpha-beta titanium alloys which, because of
their poor formability, are expensive to process. Furthermore, despite their excellent strength at

relatvely high service temperatures, alpha-beta alloys ar. also susceptibility to hydrogen




embrittlement. A parucular class of titanium alloys that possesses good resistance to cotrosion and
hydrogen embrittlement as well as excellent formability is the beta titanium alloys. Beta titanium
alloys exhibit good forming qualities in the solution-treated condition and can be age hardened to
yield strengths of 1100-1200 MPa [48]. However, the use of existing beta alloys have been
limited in part because they rely on the formation of alpha-phase precipitates of age hardening. As
such, they do not possess the necessary microstructural stability at high temperature (T>400°C),
and their elevated temperature strength or creep resistance is poor [48]. Thus, to fully exploit the
properties of beta titanium alloys for high temperature applications, an alloy with improved
microstructural stability at elevated wwmperatures is very desirable.

An unexplored alternative to the existing beta titanium alloys are alloys based on the
intermetallic compound Ti3Al as a hardening phase. In the last decade, titanium aluminides based
on both T;3Al and TiAl have shown promise as a low density material with high temperature
strength. A major problem with Ti3Al (as well as TiAl) as a structural material is its poor room
temperature ductility and fracture toughness. However, this problem would be alleviated if the
Tiz Al would be incorporated as discrete particles into a ductile, tough matrix, such as the bee beta
phase. Thus, the purpose of this study is to examine the age hardening behavior of a beta Ti alloy
strengthened by the formation of ordered alpha-two precipitates.

The present study was undertaken to develop an understanding of the age-hardening behavior
and the associated stress-strain responses of the Ti-23Nb-11Al alloy in terms of microstructural
evolution. Results from this research have established the following-

1) Based on opdcal microscopy, the second-phase solvus of the alloy was determined to
be 960 £15°C. After quenching from solution-treatment temperatures, the alloy exhibited a large
age-hardening response when it was aged between 375°C and 675°C. Peak age-hardening of the
alloy occurred when it was aged at 575°C for 6 hours.

2)  Inthe solution-treated (S/T) condition, TEM examination revealed the alloy was a
single-phase with a disordered, bee-type lattices. There was no indication of the presence of the w-

phase in the TEM examination of the ST condition or any of the aged conditions. After
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subsequent aging ai 375°C for 100 hovrs, the microstructure retained the disordered bee matrix bat
contained very small (5-10 nm) precipitates whose structure could not be identified with certainty.
In the S/T and aged at 575°C for 6 hours condition, the alloy microstructure contained lath-like
precipitates identified at ap-phase, whose average dimensions were: 4-170 nm, b-120 nm and ¢-30
nm. Upon aging at 675°C for 100 hours, lath-like. alpha-two precipitates form with average
dimensions of a=500 nm, b=170 nm and c=80 nm. In all of the aged conditions, the matrix
remained disordered beta phase.

3)  Atlow temperatures (-196°C to 25°C), the yield strength of the alloy exhibited a rapid
increase with decreasing temperature. This was attributed to thermally activated dislocation motion
past obstacles such as interstitial oxygen, substitutional solid-solution Al and Nb, and a significant
Peierls force. For intermediate temperatures (25°C to 527°C), the yield strength of the alloy was
relatively independent of temperature.,

4)  The compression stress-strain response at temperatures between -196°C and 327°C,
indicated that, in all heat-treated conditions the alloy exhibited rapid strain-hardening for struins
less than about 0.04, At strain exceeding 0.04, linear strain-hardening (do/de = constant) was
observed for all of the heat-treated conditions.

5)  Deformation at room temperature occurred by the formation of intense, non-uniform
slip bands for all heat-treated conditions, except after aging at 675°C. The presence of the coarse
slip was attributed to repeated shearing of precipitates, which concentrated slip on particular slip
planes. Upon aging at 675°C, there were no observable slip lines; this was likely are result of
dislocations looping around precipitates, which causes a very fine, homogeneous distribution of
slip.

6)  Serrated yielding was observed during testing of the alloy in the §/T condition and
condition at a test temperature of 327°C. Thne occurrence of serrated yielding was attributed 1o
dynamic strain aging (DSA). The evidence linking DSA to serrated yielding was the presence of a
negative strain-rate hardening exponent as well as an increase in strain-hardening. As estirnated

from diffusion calculations, interstitial oxygen was likely the cause of the DSA process.
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7)  The strain-rate hardening exponent of the alloy was very small o negative at
intermediate temperatures. The negarive m-value for the /T condition and the S/T and aged at
375°C condition was attributed to dynamic strain aging.

8)  All specimens failed in a ductile manner during room temperature tensile tests. In the
$/T condition, the alloy was very ductile, as evidenced by the macroscopic deformation along the
gauge length and the large dimples present on the fracture surface. When the alloy was aged at
175°C and 575°C, the ductility was very limited. The low ductility was auributed to dislocations
shearing precipitates, which lead to intense slip bands and associated stress concentrations. As a
resuir, the fracture occurred via decohesion of coarse, planar slip bands, resuliing ina
transgranular fracture path. After aging at 675°C, the alloy showed improved ductility as a result
of a homogeneous distribution of slip when dislocations looped around precipitates. The fracture
path in this condition was both transgranular and intergranular; the intergranular fracture path was

attributed to the presence of grain boundary precipitates, as evidenced by the intergranular fracture

surface, which contained dimples on the order of the precipitate sice (200nm).
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